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The control of as-cast structure is important for the 
development of optimum properties of an alloy. 
years, much effort has been directed toward the develop- 
ment of techniques to control this structure for improve- 
ments in over-all properties and for specific applications, 
The methods for control of cast structure may be classi- 
fied as: a) eutectic modification; b) grain refinement; 
c) directional solidification. These techniques are often 
used in conjunction with one another. 
In recent 
This grouping was 
chosen primarily for convenience in discussing cast 
structure control. 
A) Eutectic Modification: 
In cast alloys, the term "modification" has most 
often been used when considering the aluminum-silicon 
eutectic system. 
which occurs when these alloys are either rapidly cooled 
or slowly cooled after treatment with small amounts of 
sodium or other modifiers. 
describe the formation of nodular rather than fbake 
graphite in cast iron-carbon-silicon alloys of near 
eutectic composition which have been treated with small - 
amounts of cerium or magnesium. 
It describes the microstructural change 
The term has also been used to 
More recently, "modification" of eutectic alloys has 
been considered as a general phenomenon which occurs in 
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many systems, from low melting point eutectic alloys of 
lead-tin treated with copper 
(1) 
to the high temperature 
eutectic alloys studied under the present program. 
Although modification in most of the literature is applied 
only to systems where a third phase does not occur third 
phases often form in the present work and even completely 
replace one of the eutectic phases. Therefore, the 
definition of "modification" has been expanded and rede- 
fined as the change in microstructure after solidification 
of the eutectic brought about by the addition of one or 
more solute elements or by a change in cooling rate 
( 2 )  . 
In developing the mechanisms of modification, both 
nucleation and growth conditions must be considered. The 
aluminum-silicon system has received the most attention, 
yet no general agreement on what controls modification in 
this alloy system has been obtained. 
of the system tend to favor mechanisms which control one 
Most investigations 
or the other condition rather than a combination. Yet a 
combination of mechanisms appears to be necessary to ex- 
plain all the phenomena observed during solidification of 
aluminum-silicon alloys. 
To understand the various proposed mechanisms more 
completely, the various phenomena observed during 
solidification of these alloys are reviewed. 
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Rapid cooling produces a substantial refinement 
of the eutectic structure in the binary alloys. 
Small additions of sodium ((0.05%) and other 
elements (e.g. calcium, potassium, titanium) 
cause modification.(3) 
Alloys with phosphorus cannot be modified by 
rapid cooling, and increased amounts of sodium 
are required for modification of slowly cooled 
melts. ( 4 )  
Alloys always undercool when modified, whether by 
rapid cooling or sodium addition, yet melt at the 
equilibrium melting temperature (5) 
The shape of the silicon particles seems to be 
more growth-temperature dependent, than alloy 
composition dependent.(6) 
The amount of sodium needed for modification is 
dependent on the silicon content of alloy.(7) 
influence of increased cooling rate on the 
structure seems to be caused by the increased 
supercooling in front of the solidifying interface and 
decreased time for silicon to diffuse long distances.(3,8) 
As suggested by Chadwick (31, the various theories of 
modification of the aluminum-silicon eutectic alloys by 
sodium addition can usually be placed in one of three 
-4- 
categories: (a) the formation of ternary eutectic be- 
tween aluminum, silicon and sodium; (b) modification of 
the nucleation process by sodium poisoning; or (c) re- 
stricted growth of silicon caused by absorption of sodium. 
The work of Thhll and Chalmers ( 5 )  seems to have disproved 
mechanism (a) , The study of Kim and Heine (6) is repre- 
sentative of work in support of mechanism (b), while 
mechaqksm ( e )  is favored by Davies and West ( 4 )  , Thall 
and Chalmers showed that a modified alloy always under- 
cooled, while it melted at the equilibrium eutectic 
temperature; this refutes the suggestion (9) that a 
sodium addition caused a ternary eutectic to form, 
The influence of phosphorus on the modification 
process seems to suggest that nuclei, possibly ALP ( 4 )  
form and cause nucleation of the silicon phase at the 
equilibrium eutectic temperature. The initial sodium 
additions inactivate these nuclei, so additional sodium 
is needed to cause modification. This latter observation 
indicates a restricted nucleation mechanism for modifi- 
cation. This argument maintains that sodium affects the 
nucleating centers or substrates, either by destroying 
these or adsorbing onto these to form a "poison" layer 
which restricts their growth. The fact that silicon is 
growth-temperature dependent (61, rather than composition 
-5- 
dependent, is also presented as further evidence that 
sodium affects nucleation rather than growth conditions. 
Since increasing the silicon content increases the amount 
of sodium needed for modification (7),it is suggested 
that a relation exists between sodium and the amount of 
silicon surface area on which sodium might be adsorbed. 
Davies and West ( 4 )  favored growth modification on the 
basis of observed changes in crystal habit of the silicon 
in their sodium modified alloys; their interpretation of 
the data of Plumb and Lewis (10) which showed that 3 to 4 
times as much sodium was located around the silicon part- 
icles as in the aluminum, also substantiates their argw 
ment. However, Chadwick indicates ( 3 )  that other in- 
vestigations in the literature are in direct conflict 
with Davies and West, particularly on the growth tempera- 
ture dependence of silicon morphology. 
Winegard and co-workers (ll), working with ultra- 
high purity A1-Si alloys, have found that the silicon is 
not particulate, but interconnected within a eutectic 
cell. Rapid cooling only decreases the cell size and in- 
creases the number of arms or branches to the ''silicon 
tree" within each cell. This would explain Meussner's 
observation that the silicon within a single eutectic 
aluminum grain was aligned. Thus, despite the' 
(12) 
-6- 
relatively extensive investigation carried out on the 
aluminum-silicon system, no general agreement exists on 
why modification occurs. 
The role of constitutional supercooling in determin- 
ing morphology of eutectic structures has recently been 
underscored by Tiller (l), Chadwick (13) and Winegard and 
co-workers (11,14-16) on eutectic growth. Tjller 
suggested a mechanism applicable to lamellar eutectics 
with isothermal solidification interfaces for the trans- 
ition of the morphology from lamellar to rod-like to 
globular. 
differences in supercooling between lamellae 
either by increased solute or freezing rate (1). If a 
ternary addition had a substantially different distribu- 
tion coefficient or K value in the two phases of a binary 
eutectic, a difference in the constitutional supercooling 
in advance of the lamellae of each phase would develop( 
during solidification. 
would lag, since it had the greater supercooling in front 
of it. As solidification progressed, local protuberances 
would occur on the interface of the lagging phase, grow 
rapidly out into the area of high supercooling, thus re- 
lieve some of the supercooling in front of the rest of 
this phase. 
He proposed that a transition occurred when 
were created 
. 
The phase with the smaller K value 
The leading phase could then overgrow these 
t 
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"relieved" areas of the lagging phase and a rod-like 
morphology for the sub-ordinate phase result. 
has analyzed this aspect of the transition in detail (13). 
Tiller proposed further that with even greater differences 
of supercooling in front of each of the two phases, the 
leading phase could completely overgrow the lagging phase, 
thus a particulate distribution of the subordinate phase 
would result. 
Chadwick 
Recently Winegard and co-workers (14-16) have de- 
veloped an argument based on constitutional supercooling 
to account for the majority of observed eutectic 
structures. If the K value for the two phases in a 
binary eutectic are substantially different, the phase 
with a low solute K value will tend to assume a morphology 
consistent with the large undercooling in front of it, 
while the phase with the higher K value will g r o w  with a 
planar interface. Thus silicon, which has a very low 
solute K value, will assume a dendritic morphology and 
aluminum will lag with a planar interface. This explains 
their findings that silicon is continuous throughout a 
eutectic cell in either slowly or rapidly cooled alloys. 
Thus, the change in microstructure with cooling rate 
really reflects the change in cell size, and an increase 
in the number and fineness of the dendritic arms. 
I 
i 
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B) Structure Refinement 
Refinement of as-cast structure can be achieved to 
varying degrees by such techniques as rapid cooling, vi- 
brations, moving electro-magnetic fields and small 
alloying additions. 
structure improves one or more properties of the as-cast 
material. Of the methods available, the use of alloying 
additions is the most useful for commercial casting (17). 
The other methods either cannot be easily adapted or 
prove to be limited due to specimen size for successful 
commercial applications. 
will be considered in the following discussion. 
Generally,the resulting change in 
Only the influence of alloying 
Refinement resulting from alloy additions must be 
considered in terms of both nucleation and growth 
phenomena (17-23). Additions of certain elements or com- 
pounds refine the as-cast structure by providing stable, 
effective nucleation sites (inoculation) and/or restrict 
grain growth through constitutional supercooling. 
inoculant can be formed in the melt by chemical reaction 
before general solidieication starts (17) or it can be 
added to the melt during casting (18) or it can be in- 
cluded in the mold wash on the cavity and core surfaces 
(20). The importance of nucleating effects on cast 
structure was demonstrated by recent work on high strength 
An 
e 
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steel castings (18). A completely columnar structure 
was replaced by an equiaxed structure when two cylinders 
were cast under identical conditions except the equiaxed 
specimen had a small amount of 6itanium added. In this 
situation independent nucleation was a major influence 
in determining the as-cast structure. The titanium 
addition also influenced the microstructure of the alloy 
by reducing the secondary arm spacing of the dendrites. 
This latter refinement of morphology is generally 
-considered a growth phenomenon controlled by constitutional 
supercooling at the liquid-solid interface (21-23,25). 
It is characterized not only by a reduction in the 
secondary arm spacing, but also by an increase in the 
complexity of the dendrite morphology with the appearance 
of tertiary and higher order arms. Alexander and mines 
( 2 4 )  in their study of dendrite solidification, using 
high purity binary alloys determined: (a) dendrite arm 
spacing and grain size were independent within limits and 
(b) dendrite spacing was inverse to the solidification 
rate. More recent work by Spear and Gardner (21) using 
four commercial aluminum alloys was in general agreement 
with these results. 
dendrite arm spacing is caused by the dependence of 
dendritic growth on the rate of solidification while grain 
The independence of grain size and 
-10- 
sizq is a function of both nucleation frequency and 
growth condition. In the work on the aluminum alloys, it 
was determined that the as cast grain structure was de- 
termined as soon as the alloys had cooled a degree or two 
below the liquidus, even if the dendrite arm spacing 
changed an order of magnitude within a grain because of 
changes in freezing rate. 
Howarth and Mondalfo (25) found from work with 
aluminum-copper alloys that the rate of cooling was more 
important than the rate of advance of the solidifying 
interface in determining dendrite spacing. The structure 
was refined as cooling rate increased for a given alloy 
composition. They also observed that dendrite spacing 
decreased as the alloy content approached the eutectic 
composition from either the hypo- or hypereutectic regions. 
It was concluded that the dendrite structure was diffusion 
rather than heat transfer controlled, emphasizing that the 
nature of the diffusion boundary layer about the dendrite 
determined the spacing. It has been observed (21-23) that 
lower degrees of solid solubility of the solute (i.e. re- 
jecting more solute at the solidifying interface) produce 
greater growth along primary arms, a more complex dendrite 
structure and more columnar grains. These observations 
a l s o  emphasize the importance of the diffusion boundary 
I 
- -  I 
t 
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layer in the determination of dendritic structures. 
c )  Directional Solidification: 
Directional solidification is a technique which has 
been developed extensively in the last decade to control 
the macrostructure of a casting by control of the thermal 
canditions of solidification. 
is created in the melt through use of such devices as 
chills and auxiliary heating of the mold to produce uni- 
directional solidification. Under some conditions a uni- 
form rate of solidification is also approached. 
manner, the grain structure is aligned with the direction 
of heat flow, the feeding of the casting is improved and 
the dendritic structure is more uniform (28). 
Structure and Properties: 
A steep thermal gradient 
In this 
In general, a change in cast structure will be re- 
flected in variations in one or more properties =f the 
cast alloy. For example, modification of an aluminum- 
silicon alloy will usually increase both the ultimate 
tensile strength and percent elongation (5). The bene- 
ficial effect of refining the cast structure of a material 
is reflected by the increases in both tensile strength 
and ductility of refined alloys (17). Though, normally, 
structural refinement is associated with a joint refine- 
ment of the grain size and dendrite spacing, the work of 
t 
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Brown and Adams (22) indicates that the refinement in 
some situations of the dendrites has more influence on 
mechanical properties than grain size effectsthese. 
Other beneficial effects attributed to grain refinement 
hafie been a decreased tendency to hot tear and an in- 
crease in pressure tightness (26). Commercially, grain 
refinement is practiced with a variety of cast metals, 
such as, aluminum, magnesium and copper alloys and 
eutectic cell size of gray iron, with beneficial results 
on properties (17). 
The advantages of directional solidification are re- 
ported to be the production of more sound castings with 
less microporosity, improved composi~ionhomogeneity 
(28,291 and a resultzng improvement in yield strength 
and elongation. However, the improvement in properties 
may result more from the solidification conditions with a 
steep thermal gradient at the liquid-solid interface (18) 
than from the structure per se. 
Until now, this discussion has been limited to room 
temperature properties, yet many of the structure 
characteristics discussed previously shauld provide im- 
proved high temperature properties. One of the major 
mechanisms for strengthening at high temperatures is the 
dispersion of a second phase as fine hard particles 
-13- 
randomly throughout the softer matrix.(29) To be 
effective, these particles should be strong, hard, stable 
and resistant to agglomeration at elevated operating 
temperatures. Generally, the hardening phases are re- 
fractory compounds, e.g. carbides, nitrides, etc., or 
intermetallics. The dispersion of the particles in the 
matrix is alga critical. It has been shown that the 
strength and resistance to creep at elevated temperatures 
increases with the uniformity of the dispersion, smaller 
size of the particle and a shorter mean-free path between 
particles (28-31). 
A precipitation-hardened material is limited to an 
operating temperature below its solution temperature, 
generally of the order of 0.5-0.6 of the melting point of 
the matrix, whereas the phases in a eutectic coexist to 
its melting point, Therefore, if the subordinate phase 
of the eutectic could be "modified" sufficiently, a stable 
dispersion of fine, hard particles would result in the 
as-cast structure. The modification of the eutectic 
should also improve ductility without loss of strength by 
changing the shape of the subordinate phase particles 
from a plate-like or elongated dimension to a more rounded, 
equiaxed type or at least with a reduced length in any 
direction in the matrix. The refinement of the dendritic 
I -  -14- 
structure, with resulting refinement of inter-dendritic 
constituents, should also improve high temperature prop- 
erties, by creating a more random dispersion, and a 
shorter mean free path between particles. 
Purpose : 
The purpose of this investigation was threefold: 
-, 
first, to utilize the techniques and theories of eutectic 
modification and structure refinement to obtain improve- 
ments in the properties of superalloys over those current- 
ly obtained with cast Ni-W and Co-W alloys; second, to 
establish criteria for the development of the desired as- 
cast structures; and third, to correlate variations in 
the as-cast structure with high temperature properties. 
EXPERIMENTAL PROCEDURE 
4 
Alloys Investigated: 
On the basis of previous work (21 ,  two alloy systems, 
Ni-W and Co-W, were chosen for study, since these pro- 
vided the best properties and response to modification. 
The Ni-45W and Co-45W forms the eutectic alloy in each 
system ( 3 3 ) .  All alloys were cast as test bars for 
stress rupture and tensile testing. Initially, two series 
of test bar clusters were cast for each of the alloy 
systems studied. Four compositions were chosen from each 
system (Ni-W and Co-W) so that one solid solution alloy 
t 
b 
-15- 
I 
(-35W), one hypoeotectic alloy (-4OW) , one eutectic alloy 
(-45W) and one hypereutectic alloy (-50W) were included. 
One series of tests for each composition was unmodified; 
another series was modified by a single addition of 0.75%Zr, 
0.75% Ti, 0,3%C and O.l%B. This relatively large and com- 
plex mixture of alloying elements was chosen to insure con- 
siderable modification at the start of the work. 
As a result of stress-rupture tests of these alloys at 
1800°F, the Co-35W alloy was selected as the base compo- 
sition for further study and development. A series of 
alloys were cast to determine the influences of known solid 
solution strengtheners such as Cr, Mo and carbide formers 
and structure modifiers such as Ta, Cb, Ti, Z Y  v, (31,32). 
Additions were of the order of 1-3 weight percent; these 
were added both singularly and in combinations. A number 
of heats of an alloy of composition C0-35W-3Cr-lTi-lZr-.5C- 
.1B were also employed to determine the influence of vari- 
ations in the melting and casting procedure on structure 
and properties. A third series of alloys to determine the 
specific influence of Ti, Zr and C additions on the cast 
structure and properties of a Co-35W-3Cr base alloy has 
been cast, but not as yet evaluated. A complete list of 
the alloys cast is shown in Table I. 
-16- 
A few representative castings were selected for wet 
chemical analyses by an independent laboratory. 
fluorescence analysis for Co was performed at Case as a 
quality control procedure, and was accurate to 0.2 
weight percent. 
determine Co variations within the castings. 
were cut and analyzed from top and bottom portions of 
both test specimens and sprue areas. 
Melting and Casting Materials and Technique: 
X-ray 
+ - 
The X-ray technique was also used to 
Specimens 
The melting stock was high purity material of the 
form and analysis listed in Table 11. Representative 
heats were analyzed to determine the recovery of the 
various elements. 
refractory of zircon made by the lost wax process were 
used for casting test bar clusters. Dewaxed shell molds 
were maintained at temperature in the vacuum chamber by a 
small resistance furnace. Figure 1 shows a shell mold and 
a cluster of test bars cast from a mold. 
Ceramic shell molds with a slip coat 
A 250-KW, 960 cps induction unit was used for melting. 
A modified vacuum melting procedure was necessitated by 
the use of thin-walled stabilized zirconia crucibles 
surrounded by a graphite susceptor. The melting procedure 
was started by placing a crucible packed with all of the 
charge except approximately 30 percent of the Ni or Co and 
I 
r 
1 I 
I 
'I 
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any oxidizable additions such as Ti or Zr in the 
graphite susceptor. The additional charge metal was 
loaded into a multicompartment chamber and the shell 
mold placed in the mold heating furnace. The vacuum 
chamber was then pumped down to a pressure less than 5 
microns of mercury. 
ed, a very low power was applied to the induction coil. 
The charge was heated to 300-400°F in order to drive off 
any absorbed water, as a precautibn against cracking of 
the crucible during melt down. When the chamber was 
evacuated, power was slowly increased until the charge 
started to melt (about 30 minutes). The chamber was then 
back-filled with dry argon to 15 inches of mercury pressure, 
The additional Ni or Co was added, the entire charge mel- 
ted and superheated about lOOOF (optical) above the melt- 
ing temperature. 
While the chamber was being evacuat- 
A vigorous boil without spitting was initiated at 
this point and continued for approximately 20 minutes. 
Following the boil, the chamber was again back-filled to 
15 inches of mercury and the melt superheated approxi- 
mately 350-400°F (optical) to insure dissolving of the 
tungsten. At peak temperature, the oxidizable elements 
such as titanium and zirconium were added and the temper- 
ature immediately lowered 50-l0O0F (optical) and the melt 
'I 
I 
I 
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cast. The molds were left in the vacuum chamber for 
one hour Bfter casting. The power to the mold furnace 
was cut immediately after the casting was poured. Then 
the molds were removed and the test bar castings shaken 
out. The test bars were cut from the sprue, sand blasted, 
and their surface inspected visually with a binocular 
microscope. 
Several heats of Co-35W base alloys were cooled after 
the superheat until solidification occurred to determine 
freezing temperatures. The freezing temperature was read 
by means of an optical pyrometer and used as a reference 
point for establishing superheat and pouring temperatures. 
Thus, in subsequent discussions these temperatures are 
listed as a specific number of degrees above the freezing 
temperature of the alloy. A 100°F temperature change, as 
measured optically through a prism and 1/4 inch thick 
pyrex sight glass, was equivalent to approximately 125OF 
actual temperature as determined with a Pt-Pt+lO% Rh 
thermocouple. 
/' 
' Metallographic and Mechanical Property Determinations : 
Sections were cut from the gage length portion and 
button head of both as-cast and tested stress-rupture bars 
for metallographic examination. 
etched using either concentrated hydrochloric acid with a 
Cobalt-base alloys were 
I 
I 
c 
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few drops of hydrogen peroxide or a modified my's etch 
with 5 0  parts hydrochloric acid, 25 parts nitric acid, 
1 gram cupric chloride and 150 parts water. Nickel-base 
alloys were etched using either the hydrochloric-hydrogen 
peroxide combination, or electrolytically with 10% oxalic 
acid in water. 
identified by means other than metallography. 
The phases observed were generally not 
It was 
assumed that the phases that combined to form in the un- 
modified binary alloys were defined by Hansen ( 3 3 ) .  Most 
of the microconstituents of the multi-element alloys have 
been described in the literature (35,361. A limited 
amount of phase extraction work was performed and, in 
general, served to confirm the identification of phases 
already estimated on examining the microstructures op- 
tically. 
Kacro-grain size was obtained by deep-etching with 
either of the cobalt-base alloy etchants listed above. 
The mean free path between microconstituents was deter- 
mined using a line-point intercept method ( 3 4 ) .  Mean 
free paths were usually measured on unetched specimens, 
observing the surfaces optically at 250 magnifications 
with a binocular microscope equipped with a filar eye- 
piece. 
Stress rupture testing was conducted with as-cast, 
cast-to-size test bars. The test bars employed, as shown 
I 
I 
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in Figure 1; had a gage length of 1.250 inches and were 
0.250 inch in diameter (37). All stress rupture tests were 
performed in air at 1800 and 1850OF. 
’ RESULTS AND D I S C U S S I O N  
The results and discussion of this investigation are 
presented in two parts. Part I deals with the initial 
phase of the study during which a survey of the Co-W and 
Ni-W systems was completed. Part I1 is concerned with 
the subsequent study of modification and refinement of 
Co-35W base alloys and the correlation of as-cast structure 
with high-temperature properties. 
Part I 
Chemical Analysis: 
A few representative castings were selected &or wet 
chemical analysis by an independent laboratory. 
results, with the charged compositions, are presented in 
Table 111. While almost all of the tungsten was recovered 
in the binary alloys, a definite tungsten loss occurred in 
the more complex alloys. This l o s s  was consistently 1-1.5 
weight percent tungsten as indicated by both wet chemical 
analysis and X-ray fluorescence analyses. The reason for 
the W loss was not determined. Variation between different 
areas of the casting did not follow any pattern and was no 
greater than 0.5 percent. Therefore, settling of tungsten- 
These 
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rich phases from gravity was not a problem. 
coveries of the other elements checked, Ti, Zr, C and B, 
were generally very high. Accordingly, the charged compo- 
sitions were used for the following discussion. 
Survey of Ni-W and Co-W Systemg: 
The re- 
The initial portion of this investigation was con- 
cerned with a survey of the Ni-W and Co-W systems, both 
with unmodified binary compositions and a single addition 
of several modifying elements to each of the binary alloys. 
The structures of the unmodified and modified alloys 
are indicated in Figures 2 through 5. Figures 2 and 3 
show the structure for the Ni-35W, Ni-IOW, Ni-45W, and 
Ni-SOW, while Figures 4 and 5 illustrate the micro- 
structure for Co-35W, Co-4OW, Co-45W, and Co-50W. 
The structures of the binary alloys investigated, 
except for the Co-5OW, were modified markedly by the 
combination additions of Ti,Zr, C and B. The lamellar 
types of eutectic structures were replaced, for the most 
part, by a globular carbide with only minor amounts of 
fine eutectic dispersed along the grain boundaries. 
modified structures appear more columnar in form and 
contained dendrites that were clearly outlined by carbides 
and small eutectic islands. 
The 
The unmodified alloy of the Co-35W composition had an 
I 
-22- 
equiaxed grain structure with a Widmanstatten precipitate 
of Co W in the grain boundaries ( 3 8 ) :  the Ni-35W alloy 
had even a larger grained equiaxed structure without a 
3 
grain boundary precipitate. 
alloys to a columnar structure with islands of carbides 
and eutectic dispersed discontinuously in the interden- 
dritic areas. 
exhibited an equiaxed structure with a thin layer of 
eutectic at the grain boundary. This structure was modi- 
fied to a columnar type with globular carbides and small 
islands of fine eutectic outlining the dendrites. 
distribution of the carbides and eutectic was noticeably 
finer for the cobalt than nickel alloys for both 35 and 
40W. 
carbides in cobalt than in nickel (39). 
Modification changed both 
The unmodified Co-40 and Ni-40W alloys 
The 
This reflects the considerably lower solubility of 
The unmodified Co-45W was almost totally eutectic, 
while the Ni-45W had considerable primary nickel, despite 
the fact that the equilibrium diagram indicates that 
both are eutectic compositions. Modification of the Co- 
45W resulted in thick platelets of the intermetallic 
W Co C orqphase as well as globular monocarbides (36). 
The modified Ni-45W contained a considerable amount of 
3 3  
carbides both in massive globular form and as more 
angular "chinese script". Modification completely 
-23- 
eliminated the lamellar eutectic that occurred in the 
unmodified eutectic alloys. 
The unmodified structures and the influence of modi- 
fication on the Ni-50W and Co-50W differed appreciably. The 
Ni-50W unmodified structure contained both primary nickel 
and rounded or star-shaped primary tungsten with some 
areas of fine eutectic. Modification replaced the eutec- 
tic with coarse angular carbides. The amounts of primary 
nickel were increased and primary tungsten decreased by 
this modification. 
grained lamellar eutectic structure of alternate platelets 
of yphase and primary cobalt. Modification coarsened the 
lamellar structure markedly without appearing to alter 
the phases. The primary cobalt appears to contain a 
Widmanstatten precipitate, possibly the peritectoid re- 
action product, Co W. 
The unmodified Co-50W had a large 
3 
The stress-rupture properties of this series of alloys 
are presented in Table VI and are plotted in Figure 6 .  
In general, modification of the structure resulted in a 
ten fold or greater increase in time to fracture and con- 
siderable improvement in ductility at 1800'F. Percent 
reduction in area is considered a better indication of 
ductility than percent elongation after stress-rupture 
testing, since falsely high results in elongation are 
I I 
I 
I 
I 
I 
I 
I 
I 
I 
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produced by the cracks and voids formed during the later 
portion of the test- 
the largest increase in properties and the longest times 
to fracture of the alloys studied. 
alloy increased the time to fracture at 1800OF a maximum 
of from 0.9 hour to 80 hours at an initial stress of 
15,000 psi. The reduction in area increased from 1 to 
22.8%. The stress-rupture properties at 1800'F of the 
Co-35W were increased from 6-7 hour life at 15,000 psi for 
the unmodified alloy to 52 hours at 15,000 psi in the 
modified condition; the reduction in area was also im- 
proved from 1 to over 90%. 
The modified Co-W alloys provided 
Modification of Co-40W 
With modification, the Co-45W alloy increased the 
time to fracture from 1-2 hours at 10,000 psi to 40.5 
hours at 15,000 psi. Both the modified and unmodified 
alloys were brittle with approximately 1% reduction in 
area. The unmodified Co-50W was brittle with a stress 
rupture life of 3 . 5 - 7 . 3  hours at 10,000 psi. The coarse 
plateletsof phase in the lamellar structure of the modi- 
fied Co-5OW, as illustrated in Figure 5d,  were so em- 
brittling that a sound casting could not be obtained. 
7 
The Ni-W alloys tended to be brittle in the unmodified 
condition with timesto fracture of only 1-4 hours at 
15,000 psi at 1800OF. Modification increased both the 
I 
I 
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time to fracture and the ductility of these alloys. The 
modified Ni-35W alloy increased in life from less than 
1 hour to 15.8 hours at 15,000 psi at 1800OF. The unmod- 
ified alloy failed transgranularly with nil ductility; 
the modified alloy failed in a ductile manner with re- 
duction in area of approximately 70%. The time to 
fracture at 15,000 psi for the Ni-40W alloys was increased 
from 1 hour to 9 hours by modification and the reduction 
in area increased from less than 1% to approximately 33%. 
The unmodified Ni-45W and Ni-50W were brittle and 
weak and fractured after 1-5 hours at 15,000 psiand1800OF 
Modification improved both alloys, increasing time to 
fracture to 13 hours at 15,000 psi for the Ni-45W alloy 
and to approximately 40 hours for the Ni-50W. The duc- 
tility of both alloys increased from less than 1% to 
about 6%. 
The stress rupture curve for one of the best NASA 
experimental Co-base superalloys (42) at 1850'F was in- 
cluded in Figure 6 for comparison and as an indication of 
the relative behavior of these initial alloys compared to 
commercial superalloys of similar type. Both the modi- 
fied Co-35W and Co-40W compared favorably to the Co-base 
superalloy, whereas none of the Ni-W alloys approached 
the desired strength levels. 
I 
I 
i 
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Increasing the testing temperature from the 1800OF 
used on the first series of tests to 1850OF for subse- 
quent measurements causes a significant lowering of the 
stress-rupture prbperties for a given alloy. For example, 
the life of the modified Co-35W alloy was 52.2 hours at 
15,000 psi and 1800OF and only 34 .9  hours for the same 
initial stress at 1850OF. The poorer properties of the 
Ni-W alloys were even more significant since nickel-base 
superalloys generally have a 10 to 20,000 psi advantage 
over Co-base alloys for 100 hour time\ to fracture at this 
temperature range (43). In view of their poor performance, 
further study of the Ni-W system was stopped. Though the 
Co-40W alloy had the best stress rupture properties of 
the modified alloys tested, it was decided on the basis 
of strength-to-density ratio that the Co-35W held more 
promise. Accordingly, this composition served as the 
base for all subsequent alloys investigated. 
Part I1 
Structure Modification and Refinement of Co-35W Base Alloys : 
A series of Co-35W base alloys were cast to investi- 
gate the influence of both solid solution strengtheners 
(Cr and Mol and the carbide formers and grain refiners 
(Ti,Zr, V, Ta and Nb) on structure and properties. The 
-2 I -  
selection of these alloys was based partly on previous 
work on Co-W alloys (32,40-42). 
Representative microstructures of both the as-cast 
andl'after-testing" structures are illustrated in Figures 
7-16. The structure of the alloys etches more readily 
after testing and for this reason these structures appear 
darker. Photomicrographs marked "after-testing" are of 
samples cut from the gage length of specimens tested in 
air at 1850'F and 20,000 psi initial load. A series of 
heats of the same composition (Cq-35W-3Cr-lTi-lZr-0.5C- 
0.1B) was cast to determine the influence of variations 
in casting procedure on structure and properties. 
Figures 17 and 18 show the macrostructure and micro- 
structure respectively of these heats. 
By increasing the Ti, Zr, and C levels from those 
used in the original modification of Co-35W, as shown in 
Figure 7 ,  the dendritic structure was refined and the 
microconstituents further modified and refined (see 
Figure 8). The eutectic areas in the original alloy were 
mostly eliminated and the elongatedh phase particles 
further divided. 
istics of the as-cast matrix occurred, which probably 
indicates some influence of the increased alloying on the 
peritectoid reaction (40). No significant difference 
A slight change in the etching character- 
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occurred in the as-cast grain size; this was about 2-5 
grains per 1/4 inch diameter cross-section in the gage 
length for these two alloys. After testing at 185O0F, 
both samples show heavy precipitation of the Co W phase. 
The eutectic islands of the Co-35W-0.8Ti-0.8Zr-0.2C-O.lB 
appear to have partially agglomerated to form solid 
particles of they phase. Otherwise, the structures of 
both alloys are unchanged after testing. 
3 
The addition of 3% Cr as a solid solution strengthen- 
er was suggested by the work of Freche et a1 (41) on Co-25W 
base alloys. Some changes in microstructure occurred that 
were primarily minor refinements of the dendritic struc- 
ture, shown in Figures 9 and 10, and the loss of most of 
the matrix precipitate in the as-cast material. The 
grain size of these alloys was approximately 8-10 grains 
per 1/4 inch diameter cross-section in the gage length. 
This was a decrease from that of the alloys with no 
chromium of comparable Ti, Zr and C levels. The 3% Cr 
alloys shpwed:thk..siuhe- miErostructura1 changes after 
testing as the alloys with no chromium; heavy precipi- 
tation of Co W and little change in the morphology or 
distribution of the carbide phases occurred. 
The change in microconstituent morphology and size 
with increasing Ti and Zr content was very minor in the 
3 
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3% Cr alloys in comparison with the observed change in 
the alloys without Cr. This may indicate more influence 
of C at the 0.5 percent level than of Ti and Zr on the 
structure of these alloys for both 3% Cr alloys. This 
influence of C is also indicated by comparing Figures 7 
and 9. Ti and Zr levels are similar in these alloys 
whereas C levels differ from 0.2 to 0.5%. The volume of 
microconstituents has increased and the particles are 
generally finer, less elongated at the higher C level. 
The effect of increasing Ti, Zr and C further to 
obtain a composition of Co-35W-3Cr-2Ti-2Zr-lC-O.lB is 
illustrated in Figure 11. The structure appears random, 
with large idiomorphic carbide particles and small islands 
of carbide eutectic. The particle distribution nearly 
obscures all indications of the dendritic morphology and 
as-cast grain structure. The grain size of the alloy was 
3-4 grains per 1/4 inch diameter cross-section in the gage 
lengt$,and appreciably coarser than the other 3% Cr alloys. 
After testing at 1850°F, the Co W precipitation of this 
alloy was considerably coarser than in previously discussed 
alloys, while the distribution and morphology of the micro- 
constituents was unchanged. The heavy matrix precipi- 
tation is probably caused by the longer time at elevated 
temperatures experienced by these alloys. 
3 
I 
I 
I 
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The addition of B has been shown to change the mor- 
phology of grain boundary carbides in many commercial 
superalloys (31). This influence is emphasized by the 
structure shown in Figure 12. When B was-not added to a 
Co-35W-3Cr-lTi-lZr-0.5C alloy, the morphology of the com- 
plex carbide ( \  phase) partially reverted to its un- 
modified, lamellar form. Comparing the as-cast structures 
in Figures 10 and 12, it appears that they phase was 
particulate in the alloy with B but has coBlected at the 
grain boundaries as a semi-continuous, embrittling film in 
the alloy without B. 
Since the Co-W and Co-Mo phase diagrams are very 
similar, an alloy with part of the W replaced by Mo on 
an atomic basis was investigated. 
replace the W in solid solution and provide some further 
solid solution strengthening of the matrix. 
strength-to-weight ratio is a critical factor in the 
The molybdenum may 
Since the 
usefulness of any high temperature alloy, the replacement 
of a heavy element (W) with a lighter one ( M o )  could re- 
sult in a substantial improvement for similar or improved 
high temperature properties. Figure 13 illustrates the 
microstructure of an alloy where 2.6 percent M o  was sub- 
stituted for 5 percent W (i.e. equal atomic amounts). 
The carbides in this alloy were considerably more 
’ 
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irregular, and a very fine, less than 1 9  diameter, 
randomly-dispersed phase appeared. Generally, the amount 
of the complex carbide phase appears to have increased 
with the Mo addition, while the smaller, more spherical, 
monocarbide phase decreased. After testing, the structure 
of the carbide phases showed more change than in the 
standard alloy. For purposes of subsequent discussion, 
the Co-35W-3Cr-lTi-lZr-O.SC-O.lB alloy shown in Figure 10 
will be referred to as the "standard alloy". 
plex carbide was elongated and interconnected; the matrix 
precipitate was very coarse and the new phase has 
apparently been completely dissolved. 
The com- 
Additions of V and Nb plus Ta to the standard alloy 
were investigated to determine the influence of multiple 
carbide formers. Comparing the as-cast structures in 
Figures 10 and 14, it is noted that the addition of 1% V 
has slightly altered the as-cast structure by coarsening 
carbide particles. After testing it was observed that 
the complex carbide phase had agglomerated partially and 
the matrix precipitate was very coarse. The oxidation 
rate during testing of the 1% V alloys was also considera- 
bly greater than that of the standard alloy. The effect ' 
of the addition of 1% Nb plus 2% Ta is shown in Figure 15. 
A new carbide phase has formed, the microconstituents are 
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generally elongated, enlarged and have a very irregular 
shape. The carbide structure was reasonably stable 
during testing while the matrix precipitate was coarser 
than observed in the standard alloy. 
Nitrogen as CrN powder was added to the standard 
alloy in an attempt to refine the microconstituents. The 
powder was wrapped in pure Ni foil and plunged after the 
Ti and Zr addition. Both the macro- and microstructure 
was coarsened by this treatment as illustrated in Figure 
16. The complex carbide phase reverted back to its 
elongated, broken lamellar structure and areas of eutectic 
formed along the sides of the coarse carbide particles. 
A small amount of very fine new phase, similar to that in 
the Mo modified structure, occurred in the as-cast 
structure. After testing, the broken lamellar pattern of 
the micfoconstituents is very apparent, and the matrix 
precipitate is again coarser than the standard alloy. 
A series of four heats of the standard alloy were 
cast with various pouring conditions to determine the 
sensitivity of the as-cast structure and high  temperature 
properties to casting procedure. The following table 
summarizes the pouring *conditions used: 
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Casting Superheat Superheat 
(Optical) O F  for Pouring 
(Optical) OF 
A 400  
B 400 
C 300 
D 4 0 0  
300 
200 
300 
300 
Representative macro-and microstructures 
in Figures 17 and 18. 
I 
Mold 
(Thermocouple) OF 
1600 
1600 
1600 
1300 
are illustrated 
The macrograin size varied some with pouring temper- 
ature and superheat, as shown in Figure 17. The higher 
superheat and pouring temperatures for casting A resulted 
in a larger grain size than for either the lower superheat 
of casting B or the same superheat with lower pouring 
temperature of casting C. The temperature of the invest- 
ment mold was observed to have more of an influence since 
the smallest grain size was produced when the mold temp- 
erature was reduced from 1600OF to 1300OF for casting D. 
The representative structures illustrated in Figure 18 
indicate that only minor variations in structure were 
obtained among the four castings. 
'Mechanical Properties of Co-35W Base Alloys:  
The influence of Ti, Zr, C and Cr on the stress 
rupture life of the base Co-35W alloy at 1850OF is shown 
in Figure 19; the influence of Mo, V, N and Ta+ Nb 
-34- 
additions on the standard (C0-35W-3Cr-lTi-lZr-O.5C-O.lB) 
alloy is presented in Figure 20; and the effect of vari- 
ations in casting procedure is shown in Figure 22. Tables 
V and VI list both time to fracture and reduction in area 
at the different levels of initial stress. After some 
tests, the calculation of reduction in area was question- 
able due either to the anistropic nature of the fracture 
cross-section or extensive oxidation of the test specimen. 
These values have been marked either (a) or (0) in Tables 
V and VI. 
The data in Figure 19 indicates that higher Ti, Zr, 
and C levels of a base Co-35W-3Cr alloy substantially 
increases the stress-rupture life at 1850'F. An increase 
from 0.8Ti-0.8 Zr-0.5C to 2Ti-2Zr-lC more than tripled 
(from 63.5 hours to 224.9 hours) the time to fracture at 
15,000 psi,while retaining the ductility (reductions in 
area of approximately 30 percent). This latter alloy and 
the Co-35W-3Cr-lTi-lZr-0.5C-O.lB alloy had better stress 
rupture properties at 1850'F than one of the best Co-base 
superalloys reported in the literature, an experimental 
NASA alloy (42). The stress rupture curve for the NASA 
alloy is plotted for comparison in Figures 19 and 20. 
A more detailed study of the separate effect of each 
element, and their interaction effects on structure and 
I 
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high temperature properties is now in progress. 
The effect of the 3% Cr addition was not as marked as 
the changes produced Ti, Z r ,  C but was substantial at 
the lower stress levels. The time to fracture at 15,000 
psi was increased from 110 hours without Cr to 145 hours 
with 3% Cr. 
retardation of the precipitation of the Co W phase by the 
Cr, as indicated by the heavier, coarser matrix precipi- 
tation illustrated in Figure 8-D compared to the alloy 
This improvement appeared to result from a 
3 
with 3% Cr (Figure 10-D) and a moderate refinement of the 
structure. 
Embrittlement of the standard alloy resulted without 
boron, as indicated by the data in Figure 12 and Tables 
V and VI. The stress-rupture curve of the alloy with no 
boron additions was drastically lowered. The time to 
fracture at 15,000 psi and 1850'F was decreased from 145 
LU LL uuurs witnout boron. The l o s s  in ductility is even 
more marked; the reduction of area decreased from 20-50% 
with boron to low ductility (4-8%) without boron. 
No further improvement in properties was obtained by 
the addition of Mo, V, Ta + Nb or N, as illustrated in 
Figure 20. In fact, the properties of all these alloys 
were substantially below those for the standard composition. 
The standard composition was the only alloy with comparable 
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properties to the NASA alloy. All specimens failed by 
intergranular rupture. The initiation of voids and cracks 
which cause intergranular failure at elevated temperatures 
is directly related to the amount of grain boundary sliding 
that occurs ( 4 6 ) .  As sliding increases, the number and 
size of the voids and cracks increase, and the creep re- 
sistance of the material decreases. The various additions 
influenced the grain boundary sliding of the alloys, as 
indicated by the variation in surface roughening after 
testing (Figure 21). The standard alloy showed only minor 
slip outside of the immediate area of failure. In some 
of the lower stress, longer time tests of this alloy, 
cracking was observed away from the fracture area, and in 
these regions localized grain bouqdary slip was observed, 
The Mo addition caused extensive slip to occur the full 
length of the gage section, The V addition greatly accel- 
erated the oxidation of the alloy, practically obscuring 
any surface roughening. However, judging by the generally 
uneven surface, with several severely necked-down areas. 
V also accelergted grain boundary sliding. Some surface 
roughening occurred along the gage length of the alloy 
with Ta plus Nb added, but the major deformation was 
limited to the immediate area of fracture. N was observed 
to have more of an influence on macro-grain size, than 
. .  
i 
i 
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grain boundary sliding since only localized necking with 
subsequent roughening and cracking in the immediate area 
of failure occurred on these alloys. The number of grains 
for theeaaloy-was .- increased to 30-35 grains per 1/4 inch 
diameter from the usually 8-12 grains in the other alloys 
tested. 
The temperature dependence of stress-rupture proper- 
ties is reflected in the substantial increase in life when 
two of the alloys, Co-32W-2.6Mo-3Cr-lTi-lZr-O.5C-O.lB and 
C0-35W-3Cr-lTi-lZr-0.5C-O.lB were tested at 1800OF. These 
data are listed in gables V and VI. The time to fracture 
of the alloy with Mo increased from 88.1 hours at 1850OF 
to 219.2 hours at 1800OF for an initial stress of 15,000 
psi. Similarly for the standard alloy, Co-35W-3Cr-lTi-lZr- 
O.SC-O.lB, the time to fracture increased from 31.5 hours 
at 1850OF to 82.2 hours at 1800OF for an initial stress of 
20,000 psi. 
The alterations in the pouring conditions produced - - I  
about a 10% increase in the scatter of the test results 
for this composition as shown in Figure 22. The decrease 
in time to fracture for casting B with a 200°F (optical) 
pouring temperature may be an indication of the slight 
coarsening of the microstructure and the resulting minor 
increase in the mean-free path between microconstituents. 
-38- 
However, the variation is small and slight variations in 
composition may cause more influence on properties and 
structure than moderate changes in the pouring procedure. 
The insensitivity of this alloy to changes in casting 
conditions has certain commercial edvantages since it 
increases process flexibility. 
in allowable casting conditions, the greater tolerance 
that exists for process variables. 
The greater the variation 
P Relating Microstructure to High Temperature Properties : 
Quantitative metallography was carried out on a 
number of the Co-35W base alloys to determine more specif- 
ically the changes in structure with variations in alloy 
content. The measured mean free path between microconstit- 
ue:rlis and the macrograin size are listed in Table V I I .  
Figure 23 presents a graph of spacing versus time to 
fracture for specimens tested at 1850OF and 15,000 psi 
initial load. 
As shown in Figure 23, a linear correlation between 
the logarithm of the mean free path and the logarithm of 
the stress rupture life was determined. The microcon- 
stituents normally fell into two groups: larger, 
irregularly shaped particles of the order of 5 micron by 
10 micron mean dimensions, tentatively identified as the 
complex carbide or phase, and smaller, more regularly 
F 
I 
I 
I 
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faceted particles of the order of less than 1 to 5 microns, 
identified as the (Ti,Zr) phase. The particle spacings, 
as measured by the number of particles intercepting 
random lines of known length, were of the order of 10-40 
microns. These dimensions are an order of magnitude or 
more, larger than those normally encountered in studies 
of alloy strengthening by dispersion of hard second 
phases in a soft matrix, such as work on Nicke1-Al2O3 
alloys (46). 
The A1-Cu alloy system, where A1 Cu particles can be 2 
formed in a variety of shapes and with varying spacings 
by precipitation from solid solution through well es- 
tablished heat-treatments, has been studied in some de- 
I - 2 1  I A 7 \  rnLn%--L +hn n = v t ; e I n  PI' ---_- cnaeinrrc - E -  - - in t h e s e  latter 
C Q I I  \", r . .uuy* .  --.- 
studies were of the order of those found in this investi- 
gation, only minimum or secondary creep rates were 
correlated to spacing. It was found that the minimum 
creep rate decreased as the spacing decreased; accordingly, 
times to fracture should increase as the creep rate(and 
spacing) decreased. As Garafalo ( 4 5 )  emphasizes, minimum 
creep rate can only be correlated with stress rupture 
life if the matrix remains stable throughout the test, 
with no metallurgical changes such as recovery or phase 
transformation. Normally if such changes take place, 
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failure occurs earlier than predicted by the secondary 
creep rates. The correlation of spacing to stress 
rupture life does suggest that at times microstructural 
variations may have more influence than moderate vari- 
ations in composition. 
As noted previously, all the alloys tested failed 
intergranularly, Thus, grain si& .and'grain boundary- 
constituents- ake. dther f aktrrrs :-to be--considered Lin the 
evaluation of the stress rupture test results. A larger 
grained material would be expected to have longer stress 
rupture life with all other factors held constant, since 
the grain boundary area is reduced. An increase in the 
number and decrease in the size of the grain boundary 
:cc:Ls i z ~ r e ~ c e  1 i fe by providing more re- 
sistance to grain boundary sliding. The influence of 
grain structure could not be fully established on the 
basis of the tests to date. The macrograin size varied 
irregulariky with increased alloy content as shown in 
Table VII. Increasing the Ti, Zr and C levels increased 
the volume percent of the carbide phases and refined the 
microstructure. Consequently, more and finer particles 
were created in the grain boundary areas, thus helping 
to strengthen the alloy. The improved properties of the 
C0-35W-3Cr-2Ti-2Zr-lC-o.lB alloy probably indicates the 
I 
I 
I 
I 
I 
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combined influence of larger grain size and a greater 
volume percent and more uniform dispersion of the carbide 
phases . 
rc. SUMMARY 
From a survey of both the Ni-W and Co-W systems, it 
was shown that the majority of binary alloy structures 
could be successfully modified by a single addition of 
0.75-Ti-0.75Zr-0.5C-O.lB. The modified alloys had sub- 
stantially improved stress rupture lives and ductility. 
A Co-35W composition was chosen, on the basis of the im- 
proved properties of the modified alloy and strength to 
weight ratio considerations, for further investigation 
and development. 
ITA s i i b r y u e r l i  alloying or tne base Co-35W alloy, it 
was determined that additions of Ti, Zr, C and Cr refined 
and modified the base structure, thus imparting improved 
properties; Mo, V, Ta +Nb, and N however, adversely in- 
fluenced both structure and properties. Several of the 
alloys investigated had better stress rupture lives at 
1850OF than the majority of commercially available cobalt- 
base superalloys. 
2' 
Variations in casting procedure were found to have 
only minor influence on the structure and high temperature 
properties of a Co-35W-3Cr-lTi-lZr-0.5C-O.lB. Superheat, 
' ~ 4 2 -  
pouring and mold temperatures were varied, causing some 
change in macrograin size and spacing of the microcon- 
stituents, but only adding about 10% to the scatter of 
the data for the stress rupture curve. 
Generally, the improvement in properties was associ- 
ated with a refinement of the dendritic structure and a 
change in the size and morphology of the microconstituents. 
A linear correlation between the logarithm of the micro- 
constituent spacing and the logarithm of the time to 
fracture at constant stress and temperature was observed. 
The scatter encountered is believed to mainly reflect the 
influence of grain size variations. 
FUTURE WORK 
~~ ~~ 
A new series of Co-35W - 3Cr-O.1B base alloys with 
Ti, Zr and C levels varied according to a factorial de- 
sign scheme has been cast but not evaluated to date. 
These alloys will be analyzed, not only to establish the 
individual and interaction effects of Ti, Zr and C on 
structure and properties, but also to furnish further 
information on the influence of structure refinement on 
properties. Limited microprobe analyses will be con- 
ducted to correlate compositional variations with changes 
in alloy content and structure refinement. 
-43- 
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TABLE I: NOMINAL COMPOSI'qION O F  ALLOYS INVESTIGATED 
( w e i g h t  p e r c e n t )  
Par t  I 
N i  - 3 5 W  
N i  - 3 5 W  - . 7 5 T i  - .75Zr - , , 2 5 C  - . l B  
N i  - 40W 
N i  - 40W - . 7 5 T i  - , 7 5 Z r  - . 2 5 C  - . 1 B  
N i  - 45W 
N i  - 45W - . 7 5 T i  - , 7 5 Z r  - . 2 5 C  - . l B  
N i  - S O W  
N i  - 50W - . 7 5 T i  - .75Zr - . 2 5 C  - . l B  
co - 35w 
C o  - 3 5 W  - .75Ti  - .75Zr - . 2 5 C  - . l B  
CO - 40W 
C o  - 40W - . 7 5 T i  - .75Zr - . 2 5 C  - . l B  
co - 45w 
C o  - 45W - . 7 5 T i  - .75Zr - . 2 5 C  - . l B  
CO - 50W 
C o  - 50W - . 75Ti  - .75Zr - . 2 5 C  - . 1B  
P a r t  I1 
C o  - 3 5 W  - 1 T i  - 1 Z r  - 0 . 5 C  - 0 . 1 B  
C o  - 3 5 W  - 3 C r  - . 8 T i  - .8Zr - 0 . 5 C  - 0.1B 
C o  - 3 5 W  - 3 C r  - 1 T i  - 1 Z r  - 0 . X  - 0 . 1 B  
C o  - 3 5 W  - 3 C r  - 2 T i  - 2 Z r  - l . b C  - 0 .1B 
C o  - 3 5 W  - 3 C r  - 1 T i  - 1 Z r  - 0 . 5 C  
co - Rnw - 
co - 35w - 
co - 35w - 
co - 35w - 
co - 35w - 
co - 35w - 
co - 35w - 
co - 35w - 
co - 35w - 
co - 35w - 
co - 35w - 
co - 35w - 
* 
2 . 7Xu 
3 C r  - 
3 C r  - 
3 C r  - 
3 C r  - 
3 C r  - 
3 C r  - 
3 C r  - 
3 C r  - 
3 C r  - 
3 C r  - 
3 C r  - 
- J C r  - 1Ti - 1 Z r  - 0 .5C - 0 .1B 
1V - 1 T i  - 1 Z r  - 0 . 5 C  - 0.1B 
0 . 5 T i  - IZr - 2 T a  - lN5 - 0 .5C - 0 . 1 B  
1 T i  - 1 B r  - 0 . 5 C  - 0 .1B - 0 . 1 N  
0.5C - 0.1B 
2 T i  - 0 . 5 C  - 0 . 1 B  
2 Z r  - 0 . 5 C  - 0.1B 
2 T i  - 2 Z r  - 0 .5C - 0 .1B 
2 T i  - 1 C  - 0 .1B 
2 Z r  - lf! - 0 .1B 
2 T i  - 2 Z r  - 1 C  - 0.1B 
1 C  - 0.1B 
*Th i s  series has been cast ,  b u t  no t  evaluated i n  t i m e  f o r  
t h i s  report .  
Element 
Boron 
Carbon 
Cerium 
Cobalt 
Chromium 
Molybdenum 
Niobium 
Nickel 
Tantalum 
Titanium 
Tungs ten 
Vanadium 
Zirconium 
Table I1 Melting Stock 
Form 
-325 mesh 
Purity 
99.25 
spectroscopic graphite 99.999+ 
chips 99.9 
electrolytic l"xl"x1/8" 99.5+ 
electrolytic 99.8+ 
powder, 4 microns avg. 99.0 
-325 mesh 99.0 
electrolytic l"xl"x1/8" 99.9+ 
roundels 99.5 
sponge - 99.65 
powder, 6 microns avg. 99.9+ 
chips 99.0 
sponge(reactor grade) 99.8+ 
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TABLE IV RESULTS OF STRESS RUPTURE TESTS IN AIR AT 1800'F. 
Alloy Initial Time to Reduction 
Stress, Fracture in Area,% 
P s i  Hours 
Ni-W Series: 
Ni-35W I-Unmod. 
Ni-35W -Hod. (a) 
Ni-40W -Unmod. 
Ni-4OW -Mod. (a) 
N i-4 5W -Unmod . 
Ni-45W -md. (a) 
Ni-SOW -Unmod. 
Ni-50W -Mod. (a) 
Co-W Series 
15,000 0.9-1.4 
15,000 15.8 
20,000 0.9 
15,000 0.8-1.4 
15,000 8.2-9.1 
20,000 2.6 
15,000 1.5-4.0 
20,000 4.6 
15,000 12.7 
15,000 4.0-4.7 
15,000 38.9-40.4 
20,000 9.7-12.6 
Nil 
71.1 
36.7 
(1 
32.4 
34.6 
(1 
7.0 
6.2 
3.1 
6.0 
0 
at 1850OF 
CO-~OW -Unmod. 
C0-40W-Mod. (b) 
10,000 41.1-81.7 
15,000 6.3-6.7 
15,000 52.2 
20,uUU 26.2-44.3 
25,000 5.3 
15,000 34.9 
10,000 3.2-3.5 
15,000 0.9 
15,000 78.7 
20,000 28.2-32.0 
25,000 12.2 
(1 
1.2 
94.2qc) 
79.4(c) 
70.8(c) 
(1 
(1 
r n  7 0 3  G I , . \  
J J . 1  u 4 . 4 , - ,  
17.2 
22.8 
32.0 
a) Additions Resulted in approximate composition of: 
0.7Zr, 0.5Ti, 0.2C, 0.1B 
b) Additions Resulted in Approximate composition of: 
0.7Zr, 0.7Ti, 0.2C, 0.1B. 
c) Anistropic deformation, assumed ellipsoidal 
fracture cross-section. 
TABLE IV (cont) STRESS-RUPTURE RESULTS 
Reduction Initial Time to 
Alloy Stress, Fracture, in Area,  % 
Hsi Hours 
10,000 1.0-1.7 (1 C0-45W - Umod. 
C0-45#-- Mod. (b) 15,000 40.5 3.6 
C0-50W - Umod.(b) 10,000 3.5-7.3 (1 
(b) Additions Resulted in Approximate composition of: 
0.7Zr, 0.7Ti, 0.2C, 0.1B. 
Table V Results of Stress Rupture Tests in Air at 
1850OF for Co-35W Base Alloys 
Alloy Composition Initial Time to 
(Nominal-Wgt . % Stress Fracture 
Psi Hours 
Reduction in 
Area Percent 
Co-35W-lTi-lZr-.SC-.lB 15,000 110.7 
17,500 60.l,: 
20,000 32.5 
Co-35W-3Cr- Q,:8Tk0 .BZr 
-5C -.1B 15,000 63.5 
20,000 23.2 
27.6 
25,000 9.8 
8.3 
II 
II 
Co-35W-3Cr-lTi-lZr- 
.5C-. 1B' 15,000 145.2 -- (0) Ave of 
5 Heats 
Heats 
Listed In- 
Dividually 
Table VI 
-- 
-- 
-- 
17,500 61.7 
20,000 29.5 
22,500 17.6 
25,000 11.5 
Co-35W-3Cr-2Ti-2Zr- 
IC-. 1B 
8 
29.2 (A) (0) 
37.8 
41.2 (A) 
28.9 
15,000 224.9 
17,500 117.1 
20,000 42.5 
25,000 14.9 
C0-35W-3Cr-lTi-lZr-.5C 15,000 52.0 
17,500 29.8 
20,000 20.4 
25,000 8.0 
7.0 
2.5 
4.8 
8.7 
Co-30W-2.7Mo-3Cr-lTi- 
lZr-.5C-.lB 15,000 88.1 
20,000 14.3 
16.6 
25,000 7.6 
15,000 219.2 
11 
43.2 (0) 
33.0 (B) 
22.D 
48.5 
25.2 (0) tested- 
1800OF 
(A) Anistropic deformation assumed,Bllipsoidal fracture 
cross-section 
(0) Heavy oxi&Szation 
Table V (Continued) 
Alloy Composition Initial Time to Reduc. in 
Stress/, Fracture,, Area,, % 
Psi Hours 
Co-35W-Xr-lTi-lZr-lV-.5C-.lB 15,000 65.0 43.0 (0) 
17,500 42.8 22.0 (0) 
20,000 18.6 14.8 (0) 
25,000 7.0 33.4 (0) 
Co-35W-3Cr-0.5Ti-1Zr-2Ta-1” 15,000 64.7 46-5 (A) 
-0.5C-0.1B 16,250 42.7 30.6 
20,000 21.6 t1.Q (A) 
25,000 9.3 21 .a 
I1 20.4 21.6 
C0-35W-3Cr- lTi - lZr-O,5C-0 .1B 15,000 48.9 46.4 
-0.lN-0.2Ni 20,000 15.6 39.6 
16.1 33.2 
25,000 6.0 34.8 
11 
(A) Anisotropic deformation assumed, ellipsoidal fracture 
cross-section. 
(0) Heavy oxidation 
TABLE VI- RESULTS OF STRESS-RUPTURE TESTS OF A 
SERIES OF CQ-35W-3CR-lTI-lZR-0.5C-O.lB ALLOY 
Casting Parameters Initial 
Temperature-OF Stress, 
P s i  
Superheat' Pouring: Mold 
(Optical) (Optical) (Actual) 
400 300 1600 
400 200 1600 
300 300 1600 
400 300 1300 
15,000 
20,000 
25,000 
20,000 
25,000 
I1 
n 
15,000 
17,500 
20,000 
22,500 
25,000 
15,000 
17,500 
20,000 
22,500 
25,000 
15,000 
17,500 
20,000 
22,500 
25,000 
Time To 
Failure, 
Hours 
154.2 
33.9 
29.2 
12.2 
82.2 
28.6 
27.3 
131.9 
50.2 
24.6 
16.2 
9.5 
144.3 
56.6 
33.1 
20.4 
11.8 
150.7 
78.5 
27.8 
16.3 
12.7 
Reduction 
in Area,% 
22.0 (0) 
51.8 (A) 
47.2 
40.1 
28.5 Tested 
1800OF 
21.8 *' 
24.5 *' 
51.8 (0) 
47.0 
60.4 
52.5 
39.8 
(9) 
32.1 
45.8 
42.5 
45.0 
26.8 (0) 
30.6 (0) 
40.3 
26.1 
45.0 
(A) Anisotropic deformation, assumed ellipsoidal fracture 
cross-section 
(0) Heavy oxidization. 
Table VI1 
Mean Free Path and Placro-Grain Size for several 
Co-35W Base Alloys 
Alloy Spacing Grain Time to 
microns Size Fracture 
(per 1/4" A t  15,000 
Dia.): Psi & 
1850OF 
( -Hours ) 
C O - ~ ~ W - O . ~ B + O . ~ T ~ , ~ . ~ Z ~ , O . ~ C  132 2-4 34.9 
Co-35W-O.lB+lTi, lZr,O.SC 19 3-5 110.7 
Co-35W-O.lB+3Cr, 0.8Ti,0.8Zr,0.5C 22.5 9-12 63.5 
C0-35W-O.lB+3Cr,lTi,lZr,O.5C 17 7-10 154.2 
16.7 12-15 131.9 
16.9 9-12 144.3 
16.1 18-22 150.7 
C O - ~ ~ W - O . B + ~ C ~ , ~ T ~ , ~ Z ~ , ~ . O C  19.4 2-4 224.9 
e -_ 
F1G. 1 :  TEST BAR CASTING AND CERAMIC 
SHELL MOLD . 
lOOX lOOX 
a) Ni-35Wf unmodified b) Ni-40Wf unmodified 
l O O X  lQOX 
e) Ni-35W, modified d] Ni-40W, modified 
Figure 2. Ni-W Alloys, from gage section of untested, 
cast stress-rupture specimen. 
lOOX 
a) Ni-45W, unmodified 
l O O X  
c) Ni-45W, modified 
Figure 3. Ni-W Alloys, from gage 
lOOX 
b) Ni-50W, unmodified 
lOOX 
d) Ni-50W, modified 
sect ion of untested,cast 
stress-rupture specimen. 
a) C0-35W, unmodified 
lOOX 
b) Co-4OW, unmodified 
ioox 
c) CO-~SW, modified 
iaox  
d) CO-~OW, modified 
Figure 4. Co-W Alloys, from gage section of untested, cast 
stress-rupture specimen. 
a) Co-45W, unmodified 
lOOX 
b) CO-~OW, unmodified 
c) Co-45W, modified d) Co-5OW, modified 
Figure 5. Co-W Alloys, from gage section of untested, 
cast  stress-rupture specimen. 
I 
t 
I 
1 
I 
I 
I 
I 
I 
I 
I 
INITIAL STRESS 1000 PSI 
n 
l0OX 
a) As-cast 
750x 
As-cast 
lOOX 
b) After-testing 
750x 
d) After-testing 
Figure 7 .  
of 
C6-35W-0.75Ti-0.75Zr-0.2C-0.1E, from gage sec t ion  
stress rupture specimens. 
t 
I 
lOOX lOOX 
a) A s - c a s t  b) After-testing 
c) A s - c a s t  d) After-testing 
Figure 8 .  C~-35W-lTi-lZr-O.5C-O.13, from gage section of 
stress r u p t u r e  specimens. 
a) As-cast 
i0OX 
b) After-testing 
Figur  ,8Ti-0.8Zr-0.5C-0.1B, from gage 
rupture specimens. 
lOOX lOOX 
750X 750X 
d) After- 
Figure 10. C~-35W-3Cr-lTi-fZr-O.5C-0.1B, from gage 
section of stress rupture  specimens. 
t 
lOOX 
a) As-cast 
75QX 
c )  As-cast 
lOOX 
b) After-testing 
750x 
d) After-testing 
c 
Figure 11. C&35W-3Cr-2Ti-2Zr-1C-0.1Br from gage 
section of stress rupture specimens. 
lOOX 
Figure 12. C6-35W-3Cr-ITi-lZr-O.5C alloy, from the gage 
section of untested stress rupture  specimens. 
t 
I 
lOOX 
a) As-cast 
lOOX 
b) A f t e r - t e s t i n g  
750X 
c )  As-cast 
750X 
d) After-testing 
Figure 13. C ~ - ~ O W - ~ . ~ M O - ~ T ~ - ~ Z ~ - O . ~ C - O . ~ B ,  fron gage 
sectionz of stress r u p t u r e  specimens. 
lOOX 
b 
d) After-testing 
F 3Cr- lV-1T~- lZr-O.5C-o , lB,  from gage 
section of stress rupture specimens. 
l O O X  
a) As-cast 
750X 
c) As-cast 
lOOX 
b) After-testing 
750X 
d) After-testing 
Figure 15. Co-35W-3Cr-2Ta-1Nb-0.5Ti-IZr-0,5C-O.1B, from 
gage section of stress rupture specimens. 
lOOX 
a) As-cast 
lOOX 
b) Af ter-testing 
e) As-cast 
750X 
d) Af ter-testing 
Figure 16, CO-35W-3Cr-lTi-1Zr-0.5C-O.lB-O.lN, from gage 
section of stress rupture specimens. 
6 X  
Casting A: 400'F-Superheat Casting C:300°F-Superheat 
300°F-Pouring; 1600°F-Mold 30O0F-Pouring; 1600°F-Mold 
i3X 8X 
Casting E: 400"F-Superheat Castinc D: 400'F-Superheat 
200 OF-Pouring ; 1 6  OO°F-Mold 3 OO*F-Pouring : 13 0 0 OF-Mold 
Figure 17. Cc-35W-3Cr-ITi-1Zr-O.5C-O.1R alloy cast under  
different conditions, from the gage section of untested 
stress rupture specimens. 
Cas t ing  3: 400OF-Superheat 
P30°F-Pouring; 160O0F-Mold 300°F-Pouring; 1300°F-Mold 
Figure 18. CO-35W-3Cr-1Ti-1Zr-0.5C-O~lB alloy cast under 
di f fe ren t  conditions, from the gage s e c t i o n  of untested 
stress rupture specimens. 
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EIX 3 C D 
1: Representative Stress Rupture Spechens 
er Testing at 20,000 P s i  and 1850bF 
in Air Showing Different Deformation and 
Oxidation Characteristics 
A Co-35W-3Cr-ITi-lZr-0.5C-O.lE 
B Co-30W-2.6Mo-3Cr-1Ti-l~r-O.5C-0.1~ 
C Co-35W-3Cr-1V-lTi-1Zr-0.5C-O.lB 
I) C0-35W-3Cr-2Ta-lNb-0.5Ti-1Zr-0.5C-O.5C-O.lB 
C0-35W-3er-ITi-lZr-O.~C-~.~~-~.~~ 
2 
u) 
B 
INITIAL STRESS 1000 PSI 
h) 
0 0 
UI I I I I I 
gggfgi!! 0 0  
I b 0 0 I 1 I 
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I 
FlG.23:MEAN FREE PATH BETWEEN MICROCONSTITUENTS 
of SEVERAL C0-35W BASE ALLOYS. 
(TESTED IN AIR AT 1850°F AND 15,000 PSI 
INITIAL STRESS 1 
